Transition metal oxides show fascinating physical properties such as high temperature superconductivity, ferroand antiferromagnetism, ferroelectricity or even multiferroicity. The enormous progress in oxide thin film technology allows us to integrate these materials with semiconducting, normal conducting, dielectric or non-linear optical oxides in complex oxide heterostructures, providing the basis for novel multi-functional materials and various device applications. Here, we report on the combination of ferromagnetic, semiconducting, metallic, and dielectric materials properties in thin films and artificial heterostructures using laser molecular beam epitaxy. We discuss the fabrication and characterization of oxidebased ferromagnetic tunnel junctions, transition metaldoped semiconductors, intrinsic multiferroics, and artificial ferroelectric/ferromagetic heterostructures -the latter allow for the detailed study of strain effects, forming the basis of spin-mechanics. For characterization we use X-ray diffraction, SQUID magnetometry, magnetotransport measurements, and advanced methods of transmission electron microscopy with the goal to correlate macroscopic physical properties with the microstructure of the thin films and heterostructures.
optical materials, electrically controllable dielectrics [5] , the colossal magnetoresistance manganites [6, 7] , or multiferroic materials [8, 9] . On the other hand, oxides offer a broad potential for device applications. Although the underlying physics of some oxide materials is still under debate (e.g. high-temperature superconductivity), they are widely used in applications. A particularly promising research direction is the integration of the outstanding properties of different oxides in complex heterostructures to achieve materials with improved or extended functionalities. Such materials may pave the way for novel device structures. Notable examples are ferroelectric field-effect transistors, controllable dielectric microwave devices, superconducting high-frequency modules, magnetoresistive sensors, or electrically controllable and readable magnetic random access memories.
An obvious approach for the realization of oxide materials with improved functionality is the integration of two properties in one and the same material. Well known examples are ferromagnetic semiconductors [10, 11, 12] combining semiconducting and ferromagnetic properties or intrinsic multiferroics [8, 9] having a finite ferromagnetic and ferroelectric order parameter. However, the realization of such intrinsically multi-functional materials turns out to be difficult, in particular when room temperature operation is required. Another promising approach for the realization of multi-functional materials is the integration of oxides with different properties in artificial heterostructures. This approach has become feasible with the enormous progress in oxide thin film technology over the last two decades. For example, today laser molecular beam epitaxy (laser-MBE) employing in-situ reflection high energy electron diffraction (RHEED) allows us to grow oxide thin films with crystalline quality approaching semiconductor standards [13, 14, 15, 16] . Moreover, in close analogy to GaAs/AlAs heteroepitaxy it is possible to grow complex heterostructures composed of different oxides on suitable substrates in a layer-by-layer or block-by-block mode [13, 17] .
The successful heteroepitaxial growth of oxide materials in complex multilayers opens various possibilities to deliberately tailor their physical properties and to generate new functionalities. First, in analogy to semiconductor heterostructures band gap engineering can be employed to tailor the band structure at the interfaces. A prominent example is the system LaAlO 3 /SrTiO 3 , forming a twodimensional electron gas at the interface [18] which shows superconductivity below 200 mK [19] . Band bending effects due to interface charges may also play an important role in ferromagnet/ferroelectric/ferromagnet tunnel junctions, resulting in differences of the tunneling resistance dependent on the polarization direction in the ferroelectric tunneling barrier [20, 21] . Second, magnetic oxide heterostructures may allow to tailor the magnetic interactions at the interfaces thereby providing the basis for deliberate spin engineering. In this way novel magnetic properties can be designed by varying the layer structures. However, since the magnetic interactions in most cases are short range, this approach requires good control of the interfaces on an atomic scale, making controlled spin engineering very demanding. Third, heteroepitaxial multilayers in most cases involve epitaxial coherency strain. This can be used to deliberately tailor the materials properties in heterostructures by strain. Strain effects have been successfully applied to superconducting [14, 22] , magnetoresistive [23, 24, 25, 26] , ferromagnetic [27, 28, 29] , and ferroelectric materials [30, 31] . Fourth, so-called asymmetric superlattices such as BaTiO 3 /SrTiO 3 /CaTiO 3 can be used to break inversion symmetry. In this way improved ferroelectric and non-linear optical properties can be obtained [32, 33, 34] . Finally, superlattices of materials possessing different types of order parameter (e.g. superconducting, ferromagnetic, ferroelectric) can be fabricated, allowing for the coupling of the order parameters at the interfaces. Although this coupling in many cases is not well understood, it led to applications in which a single property, such as magnetization or electrical conductivity, can controllably be turned on and off [35, 36] . Along with many experimental achievements, a growing number of theory predictions has been published regarding artificial material systems based on heterostructures [37, 38, 39, 40, 41, 42] .
In this article, we restrict our discussion to heterostructures based on magnetic oxides. We review our results obtained within the priority program 1157 of the German Research Foundation. Magnetic materials and heterostructures have achieved broad attention due to their interesting physics and their versatile application in the field of magneto and spin electronics [43, 44, 45] . In this context ferromagnetic oxides are of particular interest since some of them are expected to show an almost complete spin polarization at the Fermi edge or are considered as ferromagnetic insulators. Interesting material systems are magnetite (Fe 3 O 4 ) and the double perovskites with composition A 2 BB O 6 (A = alkaline earth, B, B = magnetic or nonmagnetic transition metal ion) as they show Curie temperatures well above room temperature and band structure calculations predict half-metallic behavior. This makes them well suited as electrode materials for spin injection into semiconductors or the realization of magnetic tunnel junctions with a high tunneling magnetoresistance [46, 47] . We have successfully grown epitaxial thin films of these material classes [17, 48, 49, 50, 51] and clarified several physical aspects such as the magnetic exchange [52, 53, 54, 55] or the influence of strain and steric effects [50, 56, 57, 58] . Here, we report on the growth and characterization of magnetic oxides and the integration of such oxides with semiconducting, normal conducting, dielectric and ferroelectric materials in artificial heterostructures. Special emphasis will be put on (i) magnetic tunnel junctions consisting of ferromagnetic, dielectric, and normal conducting layers [47] , (ii) transition metal-doped semiconductors [59] , and (iii) multiferroic materials [60] . Along with their integral physical properties such as elec-trical conductivity, magnetoresistance, or magnetization we present data on their microscopic structure with a special emphasis on surface and interface quality obtained by high-resolution X-ray diffraction techniques and advanced methods of transmission electron microscopy.
Magnetic Tunnel Junctions Based on Fe
Magnetic tunnel junctions (MTJs) are key elements for the realization of non-volatile magnetic random access memory (MRAM) devices [61] , magnetic sensors, or programmable logic elements [62] . MTJs based on simple ferromagnetic metals and alloys are well known for many years. The tunneling magnetoresistive (TMR) effect was first reported in 1975 in Fe/GeO x /Co MTJs [63] . Here, TMR = (R ap − R p )/R p , with R ap and R p denoting the tunnel resistance for the antiparallel and parallel magnetization direction, respectively. While at room temperature the achieved TMR values could be increased up to around 10% in the following years [64] , it was predicted in 2000 that a further dramatic increase should be possible for Fe/MgO/Fe MTJs using highly textured MgO(100) tunneling barriers due to the Bloch state filtering of the electronic wave functions [65, 66] . Indeed, in 2004 a high TMR effect above 200% was reported for Fe [67] or CoFe electrodes [68] , and today TMR > 600% is observed in CoFeB/MgO/CoFeB MTJs at room temperature [69] .
Very high TMR values are expected for MTJs based on half-metallic ferromagnets even without wave function filtering, requiring highly textured tunneling barriers. Along this line, magnetite (Fe 3 O 4 ) is a promising candidate, because band structure calculations predict half-metallicity even at room temperature [70] . Moreover, magnetite has a high Curie temperature of 860 K allowing for room temperature applications [71] . Indeed, spin-resolved photoelectron spectroscopy experiments on magnetite thin films revealed a spin polarization near the Fermi level of up to 80% at room temperature [72, 73] . In contrast, the room temperature TMR effects of magnetite based MTJs are below 20%. A summary of recent results is given in Table 1 [74, 75, 76, 77, 78, 79] . Therefore, it is important to study the behavior of magnetite at the electrode-barrier interface, the influence of the tunneling barrier itself, and the magnetic coupling through thin barriers.
We have fabricated MTJs based on epitaxial magnetite thin films. Five different materials (MgO, SrTiO 3 , NdGaO 3 , SiO 2 , and AlO x ) have been used for the tunneling barrier. Polycrystalline Ni and Co films deposited by electron beam evaporation in the same ultra-high vacuum cluster system served as counter electrodes. According to recent tunneling experiments [64] , Ni and Co have spin polarizations of 33% and 42%, respectively. The magnetic properties of the magnetic heterostructures, in particular the presence of any magnetic coupling between the ferromagnetic junction electrodes across the tunneling barrier, was studied by SQUID magnetometry prior to pattering of the samples. The magnetotransport behavior of the MTJs was measured as a function of temperature and applied magnetic field using a standard four probe technique.
Fabrication Process.
The thin film heterostructures required for the magnetite based MTJs were fabricated in an ultra-high vacuum (UHV) cluster system. First, the bottom electrode consisting of epitaxial TiN and a 20 to 50 nm thick Fe 3 O 4 layer were deposited on (001) oriented MgO substrates using laser-MBE [13, 15] . Stoichiometric targets and a KrF excimer laser (248 nm) with a fluence of 2 J/cm 2 have been used. The TiN layer was grown at a substrate temperature of 600
• C and Fe 3 O 4 was deposited at 300
• C, both at an Ar pressure of 3.7 × 10 −3 mbar. The growth was monitored in-situ using RHEED. Details of the deposition process including the infrared laser substrate heating are given elsewhere [13, 15, 17, 80] .
Second, the thin insulating tunneling barrier is deposited. Five different materials were used: MgO, SrTiO 3 , and NdGaO 3 have been grown by pulsed laser deposition (PLD) from stoichiometric targets, again in a pure Ar atmosphere of 3.7 × 10 −3 mbar and a substrate temperature of 330
• C. SiO 2 was deposited by electron beam evaporation in the same UHV cluster system at room temperature without breaking the vacuum. The AlO x tunneling barriers were obtained by evaporating Al also in the same UHV cluster system and subsequent oxidation in pure O 2 . The only material growing epitaxially on Fe 3 O 4 was MgO as confirmed by the corresponding RHEED pattern. 1 The SrTiO 3 , NdGaO 3 , SiO 2 , and AlO x thin films form polycrystalline tunneling barriers on Fe 3 O 4 .
Third, a 40 nm thin Ni or Co top electrode serving as the ferromagnetic counter electrode of the MTJs was deposited in-situ by electron beam evaporation in the UHV cluster system at room temperature. Due to the epitaxial nature of the MgO tunneling barrier, also epitaxial magnetite counter electrodes have been used for this barrier type. Finally, for most samples an in-situ Au layer was deposited also by e-beam evaporation to prevent the oxidation of the ferromagnetic top electrode during the patterning process. We used an in-situ atomic force microscope to probe the surface quality. The structural quality and layer thicknesses of the films was determined with a Bruker-AXS high-resolution X-ray diffractometer.
The multilayer stacks (cf. Fig. 1 ) were used to fabricate MTJs with different junction areas and shapes by optical lithography and Ar ion beam milling [81] . In a first step, a 100µm wide strip is patterned into the whole stack. Then, a rectangular or ring-shaped junction area is defined by etching a mesa structure using an adequately shaped photoresist stencil as the etching mask. The removed part is replaced by a polycrystalline SiO 2 window insulation, using the same resist stencil for the lift-off process. Finally, a narrow Au strip is used to provide the electrical contacts to the top electrode. In this way rectangular MTJs with areas ranging from 10 × 10µm 2 to 5 × 100µm 2 and ringshaped MTJs with inner (outer) diameters of 6µm (26µm) and 26.8µm (36.8µm) have been fabricated.
Magnetic Characterization of the Junction
Electrodes. First, a detailed characterization of the magnetite films was performed. The Fe 3 O 4 thin films were found to show properties which are comparable to those of single crystal bulk material with respect to crystallographic structure and magnetization [82, 83] . In particular, their magnetization versus temperature curves showed a pronounced Verwey transition [84] confirming the high structural quality and indicating perfect stoichiometry [85] .
Next, magnetization versus applied magnetic field curves, M (H), of the multilayer stacks prior to any photolithographic processing and patterning have been measured in a SQUID magnetometer at different temperatures. The magnetic field was applied parallel to the layers. In this way the values of the coercive field and saturation magnetization in the bottom and counter electrode can be determined. Furthermore, the presence of a finite magnetic coupling across the tunneling barrier can be checked. AlO x , and 40 nm Ni at 210 K. Obviously, the magnetization of the bottom and counter electrode switches separately at different fields. From the experimental data the coercivities of the Ni and the Fe 3 O 4 layer are determined to 5 mT and 32 mT at 210 K, respectively. These values decrease to 2 mT and 24 mT, respectively, at 380 K (not shown here). Due to the strong difference of the coercive fields an antiparallel magnetization orientation of the bottom and counter electrode is achieved over a wide field range. This is a prerequisite for a reliable determination of the TMR value without using an exchange bias layer. Furthermore, the clear step-like shape of the M (H) curves (cf. Fig. 2 , blue) at all temperatures between 210 K and 380 K indicates a homogeneous switching of the magnetization direction in the junction electrodes. This is necessary for achieving an optimum TMR effect. Both the gradual rotation of magnetic domains and a glass-like magnetic state would be unfavorable in this respect.
Comparing the coercive field of the Ni counter electrode in Fig. 2 to that of a 20 nm thick reference Ni film (0.25 mT at 290 K), we found an increase of about a factor of 10. This effect is attributed to a residual magnetic coupling through the thin insulating barrier. Comparing M (H) curves of stacks with different barrier materials, we find slightly sharper switching steps for SiO 2 than for AlO x . This indicates a more homogeneous switching of the magnetic domains. On the other hand, the barrier thickness is more difficult to control for SiO 2 than for AlO x . For MgO barriers, the difference between the coercive fields of the Fe 3 O 4 bottom and the Fe 3 O 4 /Ni counter electrode amounts to only about 7 mT at room temperature. At lower temperatures (210 K and 150 K) the electrodes even switch The magnetotransport measurements of the MTJs were performed using a standard four-probe technique in a liquid He cryostat system with variable temperature insert and a 10 T superconducting solenoid. For each magnetic field value (or temperature), the voltage drop across the MTJs was measured with different polarities of the applied current to eliminate possible thermovoltages. The magnetic field was always applied in the film plane. We note that the resistivity of the TiN films is much smaller than that of the magnetite film. Therefore, this layer serves as a low resistance shunt of the magnetite layer in the bottom electrode. In the junction area the electrical current is flowing vertically from the bottom TiN layer through the ferromagnetic bottom electrode (Fe 3 O 4 ) across the tunneling barrier to the ferromagnetic top electrode (Ni or Co). Finally, the current is leaving the junction area via the Au wiring layer.
Tunneling Resistance. Information on the on-chip homogeneity of the tunneling barrier can be obtained by comparing the resistance times area product, R·A, of junctions patterned on the same chip. In Table 2 we have listed the room temperature R · A values of junctions with different area A but the same thickness (∼ 2.5 nm) of the AlO x tunneling barrier. As expected for a spatially homogeneous barrier, we find R ∝ 1/A or, equivalently, R · A ∼ const. We found that the junctions with higher R · A values show a significantly larger TMR [86] . We note that the R · A values found for the AlO x barrier in our experiment are lower than those observed by other groups [87] , but comparable to those reported for a lower barrier thickness [86] . This can be explained by assuming a smaller oxide thickness in our AlO x or may point to the presence of defect states in our barrier, as suggested by the R(T ) behavior which will be discussed in the following. type and junction area. Due to the Verwey transition at
, the resistance of the magnetite layer increases strongly below this temperature. Figure 3 clearly shows a strong increase of the junction resistance with decreasing temperature. In contrast, for an ideal tunneling barrier with barrier higher eV B much larger than k B T we expect only a slight increase of the tunneling resistance R due to the reduction of the smearing of the Fermi distribution with decreasing temperature. This indicates that all tunneling barriers are far from being ideal and most likely have a considerable density of defect states mediating thermally activated inelastic tunneling. According to the data of Fig. 3 , this effect is strongest for the MgO and weakest for the AlO x barrier, suggesting that the MgO barrier has the highest and the AlO x the lowest density of defect states. We note that the MgO, SrTiO 3 , and NdGaO 3 barriers are deposited by PLD from stoichiometric targets in pure Ar atmosphere to avoid oxidation of the Fe 3 O 4 base electrode. This is known to result in oxygen deficiency and, in turn, defect states in the barrier layer. The AlO x barrier, however, is obtained by evaporation of Al and subsequent oxidation in pure oxygen atmosphere. As pointed out above, for the MTJs with the MgO barrier magnetic coupling of the junction electrodes is observed despite the large barrier thickness of 6.5 nm. This coupling may be mediated by the high density of defect states in the barrier together with an Fe doping of the barrier layer by interdiffusion. Although this scenario is quite likely, a more detailed study is required to clarify this issue.
We also have to address the contribution of the magnetite layer to the measured junction resistance. Assuming a homogeneous current feeding into the junction through the well conducting TiN bottom layer, the resistance of the magnetite layer for the current perpendicular to plane con-figuration is estimated to 5.6 mΩ at room temperature for a junction area of 20 × 20µm
2 . Here, we use the measured resistivity and thickness of the magnetite layer. Comparing this value with the total junction resistance we see that the additional resistance of the magnetite layer is negligible in most cases, at least at temperatures well above the Verwey transition temperature. As will be pointed out below, there are situations where the influence of the magnetite electrode has to be taken into account. In this case, unusually high effective TMR values can be obtained due to current redistribution.
Tunneling Magnetoresistance. From the measured R(H) curves we have determined the TMR effect
for MTJs with different barrier materials in the temperature regime between 150 K and 350 K. Here, R ap is the resistance corresponding to the maximum resistance of the respective MTJ. R p is the resistance for the parallel magnetization configuration. For the evaluation of TMR(H) we always used the junction resistance measured at +300 mT for R p . All investigated samples reproducibly show a positive TMR effect. Furthermore, the TMR(H) curves are symmetric with respect to H = 0 and show a sharp switching behavior at the coercive fields. A typical R(H) curve of a Fe 3 O 4 (52 nm)/AlO x (2.5 nm)/Ni(40 nm) MTJ is shown in Fig. 2 (red, right scale). A pronounced TMR effect is observable in the whole investigated temperature range from 150 K to 350 K. The switching fields correspond to the coercive fields of the ferromagnetic junction electrodes (cf. Fig. 2 , blue). We note that the increase of resistance for antiparallel electrode magnetization (positive TMR effect) provides clear evidence for a negative spin polarization of Fe 3 O 4 as the ferromagnetic Ni counter electrode has a negative spin polarization. For an electrode with positive spin polarization such as the colossal magnetoresistive manganite La 0.7 Sr 0.3 MnO 3 , a negative TMR effect is expected and was indeed reported in literature [88, 89] .
In the following, we obtain TMR values of magnetitebased MTJs with different counter electrodes (Ni and Co) and we estimate the spin polarization of the Fe 3 O 4 electrode. As shown in Fig. 4 , MTJs with rectangular shape having the same Fe 3 O 4 base electrode and same AlO x tunneling barrier, but a Ni or Co counter electrode, show a maximum TMR effect of 11% for Ni and 15.8% for Co at 350 K. A different sample with an improved ring-shaped geometry revealed a maximum TMR effect of 20% at room temperature and 27% at 350 K for Co (not shown here). To our knowledge, the latter value is larger than the highest TMR effects reported so far for Fe 3 O 4 based MTJs at or above room temperature (cf. Table 1 ). Using the simple Julliére model [63] , the measured TMR values can be related to the spin polarizations P 1 and P 2 of the ferromag- netic electrodes according to
With the literature values P Co = −42% and P Ni = −33%
[64], we derive a spin polarization for magnetite at room temperature between P Fe3O4 −16% (Ni) and P Fe3O4 −28% (Co). However, this value is by far too low as compared to recent data (−80%) obtained by spin-resolved photoelectron spectroscopy [72, 73] . We attribute this to spin-flip scattering at defect states in the tunneling barrier or inelastic tunneling processes involving magnon scattering. For example, if a finite amount of the tunneling current is involving spin-flip processes, it has been shown that the ideal TMR value of eq.(2) is reduced to [90, 91] 
Here, I
sf ap is the part of the tunneling current involving spin-flip processes and I tot ap is the total tunneling current in the antiparallel magnetization configuration. There may be various sources of I sf ap such as inelastic tunneling via defect states in the barrier or tunneling processes involving magnon scattering in the junction electrodes. It is immediately evident that a finite value of I sf ap is causing a reduction of the measured TMR effect. The strong temperature dependence of the tunneling resistance of our junctions (cf. Fig. 3) shows that there is a large amount of inelastic tunneling current. This is consistent with the small absolute TMR values of up to 27% measured for our investigated MTJs.
The determination of the sign of P Fe3O4 cannot be done unambiguously by evaluating the TMR effect in magnetic tunnel junctions as it depends on the sign of P of the counter electrode. From theory, P Ni,Co < 0 is predicted and observed for Ni in spin-polarized scanning tunneling microscopy experiments [92] , but not in electrical transport at AlO x interfaces [64] . From eq. (2), P Ni,Co < 0 leads to a negative spin polarization for Fe 3 O 4 as discussed above and reported by spin-resolved photoelectron spectroscopy [72, 73] , even through an AlO x barrier [93] . However, assuming P Ni,Co > 0 results in a positive value for P Fe3O4 and is reported for transport across the AlO x interface by the same authors [93] .
Giant TMR Effect by Current Redistribution.
A detailed study of MTJs with different shape of the junction area showed that for specific samples the TMR values derived according to eq. (1) can become huge, change sign, and depend sensitively on temperature. This effect could be reproduced in several samples. However, the temperature regime in which this effect occurs strongly depends on the geometry and the layer structure of the MTJs. To illustrate this effect, in , we obtain giant values of several 1000%, since we divide by a very small R p value. Furthermore, the derived TMR value can change sign due to the sign change of R ap . We note, however, that the overall difference R ap − R p between the anti-parallel and the parallel magnetization configuration of the MTJ does not change significantly. We attribute the effect described above to the specific choice of the junction geometry and layer structure. By a proper choice of parameters a significant redistribution of the current in the junction electrodes is achieved. A similar effect has been reported earlier [94] for junctions with very large area and small thickness of the junction electrodes. When using very thin or highly resistive junction electrodes, the voltage drop along the junction electrodes can become comparable to the voltage drop across the tunneling barrier. To derive the TMR value, only the voltage drop across the tunneling barrier is required. However, in the real experimental situation both this voltage drop and part of the voltage drop along the junction electrodes is measured. In this case, the determination of the TMR value is difficult and a naive analysis can lead to giant, geometry-induced TMR effects as discussed above. Whereas for junctions with metallic electrodes this effect only appears for MTJs with very large junction area and thin electrodes, in our MTJs this effect can be reproducibly obtained also for small junction dimensions in the micrometer range and therefore may be interesting for applications. This is caused by the much higher resistivity of the base electrode of our MTJs. To confirm the scenario discussed above, we calculated the spatial distribution of the electrical potential and the current in ring-shaped MTJs using finite element method (FEM) simulations. The geometry of the ring-shaped junctions is shown in Fig. 6 . The in-plane conductivities used in the simulations for the various layers of the junction stack are summarized in Table 3 . Since the simulation tool did not allow to represent the real dimensions of the sample because of its large aspect ratio we scaled the geometry and the conductivity in the out-of-plane direction by a factor of 100. Fig. 6 shows the calculated electrical potential distribution in the MTJ. The current I is driven from the lower left to the upper right by a fixed source voltage of 50 mV. The voltage drop across the MTJ is measured between the lower right (V 1 ) and the upper left (V 2 ).
Figure 6(a) shows the simulation result for a highly resistive barrier (σ = 10
2 Ω −1 m −1 ). The conductivity of the tunneling barrier is lower by more than two orders of magnitude as compared to the conductivities of all other layers. This is the usual situation present in most MTJs with high conductivity metal electrodes. The color-coded representation of the potential distribution immediately shows that in this case almost the whole voltage drop occurs across the barrier, whereas the potential distribution in the bottom electrode (blue) and the top electrode (red) is homogeneous. From the simulation we obtain V 1 = 9 mV and V 2 = 46 mV, resulting in a voltage drop V 2 − V 1 = 37 mV between the voltage probes. Fig.6(b) shows the simulation result for a tunneling barrier with higher conductivity (σ = 10 4 Ω −1 m −1 ). Now the conductivity of the tunneling barrier is of the same order as the conductivity of the bottom electrode. In this case a completely different potential distribution is obtained. Only a minor part of the voltage drop occurs across the barrier and an inhomogeneous potential distribution is obtained within the junction area. The calculated potentials at the position of the voltage probes are V 1 = 37 mV and V 2 = 34 mV, resulting in a negative voltage drop of V 2 − V 1 = −3 mV between the voltage probes. This result even holds when increasing the width and length of the bottom electrode. The FEM simulations clearly show that the measured voltage drop V 2 − V 1 can become very small and even negative if the total resistance of the tunneling barrier becomes smaller than the total resistance of the electrode material in the junction area. For our MTJs this is the case due to the low conductivity of the bottom electrode. For MTJs with high conductivity metal electrode, this is the case only for very large junction area and/or very thin junction electrodes.
We note that an equivalent effect is known for Josephson junctions in the normal state, if the current leads have resistivities of the same order as the insulating barrier. For a structure where the top and bottom electrodes are parallel and separated by a rectangular insulating barrier, Pedersen et al. developed a one-dimensional model [95] . For MTJs with a so-called cross-strip geometry where the top and bottom electrodes are aligned perpendicular to each other, the current distribution was investigated using two-dimensional FEM simulations by van de Veerdonk et al. [96] . They showed that an inhomogeneous current distribution across tunnel junctions can suppress the measured voltage drop which may result in a divergence of the determined TMR value. This is in good agreement with the results of our three-dimensional FEM simulations describing the more complex geometry of our MTJs. We note that our simulations have been performed as proof of principle and are not intended to reproduce all details of the real junctions. counter electrode was introduced to modify the coercive field of the counter electrode. In this way different coercive fields of the bottom and top electrode could be achieved, allowing for the realization of the antiparallel magnetization configuration. However, the magnetic characterization of the stacks showed a magnetic coupling of the two ferromagnetic electrodes at temperatures below 250 K. As already discussed in 2.2, this coupling results in a synchronous switching of the magnetization in the two electrodes despite the different coercivities. Therefore, a stable antiparallel magnetization configuration of the two electrodes cannot be achieved. There are different scenarios for the origin of the coupling. A simple origin of ferromagnetic coupling are pinholes in the barrier layer. However, the TEM analysis of the MTJs showed that the MgO barriers are homogeneous and pinholes in the typically 5 nm thick barrier layer are unlikely. Another possibility are Fe impurities and a large density of defect states within the MgO barrier which mediate a ferromagnetic coupling at low temperatures. The impurities may stem from the high energy Fe ions in the plasma plume, impinging on the barrier layer during the deposition of the Fe 3 O 4 counter electrode thereby causing intermixing. To clarify this issue, a combined transmission electron microscopy (TEM) A TEM micrograph of the MTJ stack in cross-section is shown in Fig. 7(a) . The layers of the stack were measured to 21 nm (TiN), 55 nm (Fe 3 O 4 ), 5 nm (MgO), 22 nm (Fe 3 O 4 ), and 8 nm (Co). The thin isolating MgO barrier layer as well as the Fe 3 O 4 electrodes can be seen to be grown homogeneously with constant thickness. The HR-TEM image in Fig. 7(b) shows that the MgO barrier exhibits some thickness variations which are the result of steps and ledges at the two interfaces between MgO and To investigate the chemical composition of the MgO tunneling barrier, EELS was applied with an electron probe of less than 1 nm in diameter. The beam was scanned with 1 nm increment across the layer stack, and EEL spectra were acquired simultaneously at any beam position. This technique, named energy-loss spectroscopic profiling (ELSP) [97, 98] , results in spectroscopic images with EELS intensity as a function of energy loss E and the spatial co-ordinate of the electron beam line profile as shown in Fig. 8 . In the energy loss range shown the spectrum image contains the L edges of Co and Fe where the MgO barrier causes the gap in the Fe-K EELS signal. The Mg-K edge is at E = 1305 eV and is thus of low intensity. The oxygen-K edge reveals the difference in near-edge structure of the MgO and magnetite layers, respectively, which is the result of the different chemical neighbors of oxygen and of the differing co-ordination.
Fully Epitaxial MTJs
To obtain unambiguous information on the chemical composition of the MgO barrier layer, the EEL spectrum in the center of the MgO barrier was analyzed and is displayed in Fig. 9 together with spectra of the two magnetite layers. In this spectrum a faint signal at the energy loss of the Fe-K edge (708 eV) is present besides the Mg-K edge proving a small amount of iron in the MgO barrier. The obvious question arising at this point is whether or not iron-doped MgO is a dilute magnetic semiconductor. If this is the case, the observed ferromagnetic coupling across the MgO barrier is easy to understand. To clarify this point, we have grown Fe-doped epitaxial MgO films by PLD using an iron-containing MgO target. However, the magnetization of these films was below the noise level of the SQUID magnetometer.
2.6 Summary. We have successfully fabricated Fe 3 O 4 -based MTJs with different size and shape of the junction area. For MTJs with AlO x barriers a separated switching of the magnetization of the two ferromagnetic electrodes is obtained. These junctions show a reproducible TMR effect with an ideal symmetric switching behavior. The TMR effect could be observed in the whole investigated temperature range from 150 K to 350 K. At 350 K, TMR values up to 27% were obtained. A giant geometry-induced TMR effect can be generated in Fe 3 O 4 -based MTJs due to the high resistivity of the electrode material. Our data suggest that Fe 3 O 4 with its high spin polarization and high Curie temperature is interesting for spintronic devices. However, to access the full potential of this material, the quality of suitable tunneling barriers and involved interface layers has to be improved.
Ferromagnetic Semiconductors.
The rapidly evolving field of spintronics requires material systems combining ferromagnetism (FM) with the versatile electronic properties of semiconductors. Therefore, the integration of semiconducting and magnetic properties in one and the same material to realize magnetic semiconductors was attracting broad attention. Dilute magnetic semiconductors (DMS) such as the widely studied material (Ga,Mn)As are attractive in this regard. Unfortunately, this well established DMS has a Curie temperature T C < 170 K [10] , preventing room temperature applications. In contrast, T C > 300 K has been predicted for the oxide semicon- ductor ZnO on partial substitution of Zn by a magnetic transition metal such as Mn or Co [11] . Indeed, ferromagnetic behavior has been observed in Zn 0.95 Co 0.05 O thin films at room temperature [12] . Some authors even report on two magnetic regimes depending on the charge carrier density [99] , or on gate-control of magnetism [100] . However, there is an ongoing debate on the nature of the ferromagnetic behavior in oxide semiconductors [59, 101, 102] as the observed behavior might also be traced back to nanometer-sized precipitates of the Co dopant atoms embedded in a nonmagnetic ZnO matrix. The same controversy holds for Mn in Ge [103, 104] . To unambiguously clarify the nature of magnetism in Zn 0.95 Co 0.05 O, we prepared thin films using laser-MBE and carefully investigated their structural and magnetic properties as discussed in detail in [59] . In particular, we have combined SQUID magnetometry, X-ray magnetic circular dichroism (XMCD), and AC susceptibility measurements with careful X-ray and high resolution TEM studies. We simultaneously recorded XMCD spectra in both the total electron (TEY) and the fluorescence yield (FY) modes, allowing for an element-specific distinction between surface and bulk magnetic properties, respectively (Fig. 10) . Our data provide clear evidence that our Zn 0.95 Co 0.05 O thin films are not homogeneous DMS. The large magnetic moments observed at room temperature in some of the samples could rather be traced back to the presence of nanometer-sized superparamagnetic Co precipitates within [59, 102] . the bulk of Zn 0.95 Co 0.05 O, which were directly evidenced by XMCD and energy-filtering transmission electron microscopy (EF-TEM) (Fig. 11) . Other samples show pure paramagnetism of isolated Co 2+ moments from room temperature down to 5 K. More details have been published elsewhere [59, 102] . Similar behavior has been reported for other dilute magnetic systems, like GaN:Gd [107] . Of course, our data do not prove that the realization of a DMS is impossible for ZnO:Co. However, more effort is required to unambiguously determine the nature of ferromagnetism, and conclusions based on superficial studies only presenting M (H) "hysteresis" curves should be considered with care.
Since the room temperature realization of ferromagnetic and semiconducting properties in one material may turn out difficult, the use of ferromagnet/semiconductor heterostructures may be the appropriate solution. Here, the use of oxide materials may be advantageous. We recently have shown that semiconducting ZnO can be grown epitaxially on ferromagnetic Fe 3 O 4 and vice versa [51] . Such oxide heterostructures are interesting since the semiconducting and ferromagnetic oxide have similar resistivity, avoiding the well-known resistivity mismatch problem at ferromagnetic metal/semiconductor interfaces [108] regarding efficient spin injection. Future studies have to show whether the interfaces in the oxide heterostructures can be controlled and engineered in an adequate way to allow for the realization of spin injection devices. Figure 12 The response of condensed matter to external electric fields (E), magnetic fields (H), or mechanical stress (σ) are polarization (P), magnetization (M), or strain ( ), respectively. For useful multiferroic materials exhibiting spontaneous P, M, or also a strong coupling between the dielectric, magnetic, and elastic properties is required [8] .
Multiferroics and Strain
Effects. An active and promising field of research is the integration of different ferroic ordering phenomena such as ferromagnetism, ferroelectricity, or ferroelasticity in one and the same material [9, 109, 110] . The coexistence of ferroelectricity and ferromagnetism in novel multi-functional materials is particularly interesting, since this could allow the realization of new functionalities of electro-magnetic devices, such as the electric field-control of magnetization. Unfortunately, it turned out that there are very few intrinsic ferroelectric/ferromagnetic multiferroics because the standard microscopic mechanisms driving ferroelectricity and ferromagnetism are incompatible. They usually require empty and partially filled transition metal orbitals, respectively [111] . Furthermore, most of the multiferroics reported so far are antiferromagnets, which are not expected to respond noticeably when applying magnetic fields. This has initiated the search for other mechanisms favoring the coexistence of ferroelectricity and magnetic order as, for example, in BiMnO 3 [112] or in extrinsic, two-component multiferroic thin film heterostructures [8] . For the realization of useful multiferroic materials, however, the different ferroic order parameters do not only have to coexist, but must be coupled to each other (Fig. 12) to enable, e.g. an electric field control of the magnetization in magnetoelectric multiferroics.
Here, we report on different oxide systems which are promising in this regard. We first study the dielectric and magnetic properties of the perovskites BiFeO 3 and BiCrO 3 which are considered as intrinsic multiferroic materials and search for a magnetoelectric coupling in these materials. Second, we focus on hybrid systems consisting of ferroelectric and ferromagnetic materials. As an example, we discuss the behavior of multiferroic hybrids consisting of epitaxial thin films of the ferromagnet Sr 2 CrReO 6 grown on ferroelectric BaTiO 3 substrates.
Intrinsic Multiferroics: BiFeO 3 and BiCrO 3 .
The perovskite BiFeO 3 is one of the few robust materials with ferroelectric and antiferromagnetic order well above room temperature. In bulk material, BiFeO 3 is antiferromagnetic below the Néel temperature of T N = 643 K and ferroelectric below T C = 1103 K [113, 114] . Thin films of BiFeO 3 are discussed for application as exchange bi-asing ferromagnetic layers in spintronic multilayer structures [115, 116, 117, 118] . Strained thin films of BiFeO 3 have attracted renewed interest after the report of a high ferroelectric polarization of 60 µC/cm 2 together with a high residual magnetic moment of M S = 1 µ B per formula unit (f.u.) [119] . However, there is an ongoing controversial discussion about the origin of this saturation magnetization [120, 121] as the initially reported magnetization values in relaxed BiFeO 3 thin films could not be reproduced by subsequent work [60, 120, 122, 123] . In our work we found M S = 0.02 µ B /f.u. in strained BiFeO 3 thin films [60] which is in full agreement with other recent publications [120, 122, 123] and density functional calculations [124] . Moreover, it was shown that strain-free bulk crystals of BiFeO 3 do not show any parasitic ferromagnetism down to 2 K at all [125] . Whether or not the small magnetic moments reported for BiFeO 3 thin films and also observed in our samples originate from nanoscale metallic Fe precipitates or spin canting has to be clarified. Details on the growth as well as the structural and magnetic characterization of our BiFeO 3 thin films can be found in [60] .
Another interesting candidate for an intrinsic multiferroic material is BiCrO 3 . Bulk BiCrO 3 is antiferromagnetic below T N = 123 K [126] and shows a weak ferromagnetic moment, which is attributed to Cr 3+ spin canting [60] . The situation is similar in thin films, where a Néel temperature between 120 K [127] and 140 K [128] is reported. Regarding dielectric properties, the picture is still unclear as both ferroelectricity at room temperature [127] and antiferroelectricity at 5 K [128] have been observed. In the following we present results on the fabrication and characterization of this material.
Thin Film Deposition. We have grown c-axis oriented epitaxial BiCrO 3 thin films by laser-MBE with in-situ RHEED [13, 15] on (001)-oriented SrTiO 3 substrates. The PLD process was performed in the same way as described in subsection 2.1 for Fe 3 O 4 . We used polycrystalline targets with excess bismuth in the composition Bi 1+δ CrO 3 (δ = 15 . . . 20%). The growth parameters were optimized with regard to the structural quality of the samples. The thin films were grown by imposed layer-bylayer interval deposition in O 2 atmosphere at a pressure of 8 × 10 −3 mbar and a substrate temperature of 570 • C with a laser fluence of 2 J/cm 2 at the target [60] . To enable a dielectric characterization of the samples in spite of the insulating SrTiO 3 substrate, some thin films have been deposited with an underlying bottom electrode layer of the conducting oxide SrRuO 3 (ρ = 2.75 µΩm at 300 K) with a thickness between 10 nm and 20 nm. The SrRuO 3 film was also grown by PLD from a stoichiometric target in O 2 atmosphere (0.15 mbar) at a substrate temperature of 700
• C.
Structural Characterization. The structural properties of the films were investigated by X-ray diffraction using Cu Kα 1 radiation and a high-resolution four-circle diffractometer (Bruker AXS discover). Fig. 13(a) shows a reciprocal space map around the (001) reflection of the SrTiO 3 substrate obtained at room temperature. A line scan for h = 0 (00 -scan) is shown in Fig. 13(b) . The film thicknesses are 19 nm (SrRuO 3 ) and 65 nm (BiCrO 3 ). BiCrO 3 shows two reflections at = 1 and = 1.007, as indicated by the broad green regions in (a). The reflection from SrRuO 3 is located at = 0.978. Satellites due to Laue oscillations from the BiCrO 3 as well as the SrRuO 3 reflections are visible, demonstrating that the films are coherently strained and have small surface and interface roughnesses. Moreover, the rocking curve of the BiCrO 3 (001) reflection displays a small full width at half maximum of 0.032 Fig. 13(b) ] demonstrating a very low mosaic spread.
The high structural quality of the BiCrO 3 layer as well as of the SrRuO 3 electrode layer is demonstrated in real space at high spatial resolution by TEM studies (Fig. 14) . First the thicknesses of the two layers were measured from TEM images to 10 nm (SrRuO 3 ) and 28 nm (BiCrO 3 ) in this sample. The crystals containing the interfaces SrTiO 3 /SrRuO 3 and BiCrO 3 /SrRuO 3 are imaged in the HR-TEM micrograph (Fig. 14) . It is worth noting that the image contrast in the three crystals, all with ABO 3 perovskite structure, is different. This is the result of the metal ions A and B which have very different scattering power in the three crystals, and the scattering potential scales with the atomic number Z. In SrTiO 3 , the scattering powers of Sr (Z Sr = 38) and of the Ti+O column (Z Ti + Z O = 22 + 8 = 30) are similar, and therefore the {110} type of lattice planes dominate the crystal lattice contrast, forming a square pattern 45
• rotated to the a axis. In SrRuO 3 , the B site atom ruthenium has the highest scattering potential and the atomic columns Ru+O
Figure 14
HR-TEM image of a heteroepitaxial BiCrO 3 /SrRuO 3 (28 nm/10 nm) bilayer grown on a SrTiO 3 (100) substrate; all crystals in [001] direction, interfaces are marked. Magnified lattice images of the crystals with inset of atomic columns prove perfect epitaxy of the three perovskite oxides and continuation of the oxygen sub-lattices across the interfaces.
(Z Ru + Z O = 44 + 8 = 52) dominate the contrast and produce a square array of {100} lattice planes centered at the B sites. In BiCrO 3 , the heavy metal bismuth on the A site is by far the strongest scatterer (Z Bi = 83) and produces again a square array contrast of {100} lattice planes, here, however, centered at the A sites. Close inspection of the lattice plane image (Fig. 14) reveals indeed a shift of the dot contrast from SrRuO 3 to BiCrO 3 of half the a axis parallel to the interface. To better illustrate the contrast in the perovskite crystals and the position of the atomic columns, insets at high magnification are placed into Fig. 14 . These observations prove continuation of the oxygen sub-lattices of the three perovskite crystals across the interfaces. A further detail concerning the interfaces is worth noting: the interface SrTiO 3 /SrRuO 3 appears not to be atomically abrupt. This is very likely the result of surface treatment of the SrTiO 3 (001) crystal by grinding and polishing. Nevertheless, the SrRuO 3 electrode has grown epitaxial, and even more impressive is the interface between the BiCrO 3 and SrRuO 3 layers which appears atomically planar, i.e. without steps, and with a direct structural transition from one phase to the other. In summary, the observations and structural characterization by X-ray diffraction and TEM prove that the thin film system of BiCrO 3 and SrRuO 3 is state-of-the-art grown with outstanding quality of the crystals.
Magnetic Characterization. Magnetization measurements were performed with a SQUID magnetometer in magnetic fields up to µ 0 H = 7 T applied in the film plane. Fig. 15 displays the remanent magnetization M R (T ), measured after field cooling at 7 T on increasing temperature in zero field. Although antiferromagnetic, the sample shows a weak residual remanent magnetization of 0.015 µ B /f.u. at low temperatures. We note that this observed parasitic ferromagnetism sets in below a critical temperature of about T C = 128 K. This value is slightly larger than the Néel temperature of bulk material (T N = 123 K [126] ) and than the values for parasitic ferromagnetic ordering reported in literature [127, 129] . This may be related to the small tensile strain in our BiCrO 3 films. A magnetic field-loop recorded at 25 K demonstrates that M saturates at about M S = 0.03 µ B /f.u. for fields higher than 2 T (see inset of Fig. 15 ). The coercivity of this parasitic ferromagnetism is larger than for our BiFeO 3 films [60] . The scatter seen in the data is caused by the small sample volume leading to absolute values of M close to the resolution limit of the SQUID magnetometer (∼ 10 −11 Am 2 ). In summary, the observed magnetic properties of our BiCrO 3 films are consistent with the picture that the Cr 3+ spins are coupled antiferromagnetically and that a slight canting of the spins results in a weak ferromagnetic signal [124, 130] .
Dielectric Characterization. The dielectric properties of the thin film samples were investigated using a commercial ferroelectric tester (aixACCT TF analyzer 2000). Figure 16 displays the electric P (E) loop from a 177 nm thin film of BiCrO 3 together with the dielectric current, recorded in dynamic mode at 100 Hz at a temperature of 10 K in electric fields of up to E = 115 kV/mm (corresponding to a voltage of 25 V) applied across the BiCrO 3 layer. The P (E) curve shows an antiferroelectric hystere- sis loop with an electric polarization close to 8 µC/cm 2 at high electric fields. Two "humps" per field sweep direction at E = 5 kV/mm and E = 35 kV/mm are visible in the P (E) loop. These observations clearly point to the presence of anti-ferroelectric ordering in this material which becomes more obvious when investigating the dielectric current I. This quantity shows two clear and well pronounced maxima per field sweep direction at the same E values where the "humps" in P (E) are observed. We interpret this double peak feature as evidence for the switching of two ferroelectric sub-polarizations in a dipole lattice. Summary. Neither BiFeO 3 nor BiCrO 3 shows the expected coexistence of ferromagnetism and ferroelectricity. (i) BiFeO 3 is antiferromagnetic. The existence of the reported parasitic ferromagnetic phase with moments up to 1 µ B /f.u. [119] could not be reproduced and most likely is an artefact caused by metallic Fe precipitates in the BiFeO 3 thin films. (ii) BiCrO 3 is antiferroelectric on large scales instead of showing ferroelectric behavior. (iii) Neither for BiFeO 3 nor BiCrO 3 , we were able to find any indication for intrinsic magnetoelectric coupling.
Extrinsic Multiferroics: Piezo-strain in Fe
Another promising approach to realize multiferroic coupling is the fabrication of heterostructures composed of materials with different ferroic properties. Of course, in such multilayers coexisting ferroic ordering phenomena can be easily realized. The key task here is to establish a coupling of the order parameters at the interfaces between the ferroic sublayers. Along this line, the use of strain to establish a finite coupling via the elastic channel (see Fig. 12 ) is promising. We showed in [27, 28] that the magnetic anisotropy and in turn the magnetization direction of a ferromagnetic layer can be varied by an electric field making use of the elastic channel. In our experiments we used magnetite (Fe 3 O 4 ) as a prototype ferromagnet. Epitaxial Fe 3 O 4 was deposited by laser-MBE with in-situ RHEED [13, 15] on (001)-oriented MgO substrates as described in 2.1. The thin films with a thickness of 44 nm were grown in an inert Ar atmosphere at a pressure of 0.06 mbar with a laser fluence of 2.5 J/cm 2 at the target and a substrate temperature of 320
• C. After deposition, the MgO substrate was polished down to a thickness of about 50 µm. To introduce an in-situ tunable strain, we cement a commercial Pb(Zr,Ti)O 3 piezoelectric actuator on top of the Fe 3 O 4 thin film [131, 132] . The expansion (or contraction) of the piezoelectric actuator as a function of the applied electric voltage V piezo is directly transferred into the magnetite film, yielding a voltage-controllable strain contribution. To optimize the induced strain, we cement the piezoactuator face to face onto the Fe 3 O 4 thin film. The induced strain was determined by X-ray diffraction via the changes of the lattice parameters of the underlying MgO substrate [28] .
To determine the magnetic anisotropy, we performed ferromagnetic resonance (FMR) spectroscopy in the Xband (microwave frequency of 9.3 GHz) at room temperature. The angular dependence of the resonance field µ 0 H res for different values for V piezo was successfully modeled using magnetoelastic theory (Fig. 17) [28] . Implying a strain transmission efficiency factor of 70% from the piezoactuator to the Fe 3 O 4 thin film, we find excellent agreement with experiment. The changes of magnetic anisotropy induced by this piezo-strain make it possible to shift the minimum of the free energy and thus the magnetization orientation by about 6
• within the Fe 3 O 4 film plane. As the magnetostriction constant λ Figure 18 Phase diagram of BaTiO 3 according to [137] . The ferroelectric Curie temperature is 393 K.
is a realistic and versatile scheme applicable to a variety of ferromagnets [27, 28, 29] .
Extrinsic
Multiferroics: Sr 2 CrReO 6 on BaTiO 3 . Even higher strains are possible when replacing the piezoelectric actuator by a ferroelectric substrate. This integration of ferromagnetic (FM) and ferroelectric (FE) degrees of freedom in epitaxial hybrid heterostructures is promising for the realization of multi-functional material systems with improved or novel functionality. As an example, we exploited the strain-induced change of the magnetic coercivity of polycrystalline Ni in a FM/FE hybrid and demonstrated both reversible and irreversible magnetization control [136] . Here, we will focus on an epitaxial all-oxide FM/FE system. Barium titanate (BaTiO 3 ) is the prototype ferroelectric. Its crystallographic structure shows a variety of phase transitions, dependent on the temperature (see Fig. 18 ) [137] . Above 393 K, bulk BaTiO 3 is cubic and paraelectric. Below 393 K, it becomes ferroelectric and its lattice structure changes to tetragonal. Within the ferroelectric state, the lattice symmetry is further reduced to orthorhombic (below 278 K), and finally to rhombohedral (below 183 K). The dielectric constant, the spontaneous polarization, as well as the lattice constants change abruptly at these phase transition temperatures, accompanied by a thermal hysteresis [138] . Recently [139, 140, 141, 142, 143, 144] . They show a magnetoelectric coupling effect, manifesting itself as a change in the magnetization and resistance of the ferromagnetic thin film at the structural phase transition temperatures of BaTiO 3 . In this regard, another promising material is the ferromagnetic double perovskite Sr 2 CrReO 6 which is known for a giant anisotropic magnetostriction [145] caused by a large orbital moment on the Re site [53] . In addition, it has a high Curie temperature of 635 K [146] well above room temperature, and a predicted high spin polarization of 86% [147] . We recently have shown that ferromagnetic Sr 2 CrReO 6 grown epitaxially as a thin film on BaTiO 3 substrate exhibits qualitative changes in its magnetic anisotropy at the BaTiO 3 phase transition temperatures [148] . Abrupt changes in the coercive field of up to 1.2 T along with resistance changes of up to 6.5% have been observed [148] . Here, we will discuss the structural properties of the samples.
Thin Film Deposition. Epitaxial Sr 2 CrReO 6 thin films were deposited by laser-MBE with in-situ RHEED [13, 15] on (001)-oriented BaTiO 3 substrates. The thin films with a thickness of approx. 80 nm were grown in O 2 atmosphere at a pressure of 6.6 × 10 −4 mbar with a laser fluence of 2 J/cm 2 at the target and a substrate temperature of 700
• C (i.e. in the cubic, paraelectric phase of BaTiO 3 ). These parameters were found to be optimal for the growth of Sr 2 CrReO 6 films on SrTiO 3 substrates [149] and also are appropriate for the growth on BaTiO 3 substrates. After film deposition, the sample is slowly cooled down to room temperature with the substrate undergoing a phase transition to the tetragonal and ferroelectric phase. As there is no preferential direction for the electric polarization, however, the ferroelectric state will decompose into many different ferroelectric domains as evidenced by X-ray diffraction [148] .
Structural Characterization. High-resolution TEM studies were performed at thin cross-sections of the Sr 2 CrReO 6 films on BaTiO 3 prepared by standard specimen preparation techniques. Fig. 19(a) shows a thin film with ca. 81 nm thickness. Electron diffraction reveals (i) a perfect epitaxial orientation relationship between the double perovskite film and BaTiO 3 and (ii) a large single domain of the tetragonal substrate. However, the difference between the a and c lattice parameter of tetragonal BaTiO 3 as well as the cell parameter differences in the strained Sr 2 CrReO 6 film (see Fig. 19 ) are ca. 1% and are thus too small to be measured by electron diffraction. The HR-TEM micrograph (Fig. 19(b) ) is of the interface region which appears without any voids or other defects. The lattice mismatch between c/2 of Sr 2 CrReO 6 and c of BaTiO 3 can be estimated to ca. 2% (Fig. 19) , however misfit dislocations were not observed regularly. The lattice image contrast in the Sr 2 CrReO 6 film is clearly dominated by the Re + Cr + 2O columns (Z Re + Z Cr + 2Z O = 75 + 24 + 16 = 115) vs. the Sr columns (2Z Sr = 76) while in BaTiO 3 the barium columns (Z Ba = 56) predominantly cause the image contrast. In both crystals, a square array of dots is produced with spacing of a or c of BaTiO 3 and the spacing of a/ √ 2 or c/2 of Sr 2 CrReO 6 , respectively. Close inspection of the image contrast reveals a gradual shift of the square dot array along the interface from BaTiO 3 to Sr 2 CrReO 6 by half of the square length showing the continuation of the A site and B site positions and hence proving an undisturbed transition of the oxygen sub-lattices of the two perovskitetype crystals across the interface. High-resolution X-ray diffraction was performed using Cu Kα 1 radiation and a high-resolution four-circle diffractometer (Bruker AXS discover). Fig. 20 shows ω − 2θ-(00 )-scans from the same sample as in Fig. 19 for different temperatures between 180 K and 450 K. The (004) reflection from the Sr 2 CrReO 6 thin film and the (002) reflection from the BaTiO 3 substrate can be clearly distinguished. It is obvious that the 2θ angles of both reflections change abruptly when the BaTiO 3 undergoes structural phase transitions. The line scan at 300 K (Fig. 20(b) ) reveals no crystalline parasitic phases in the thin film. A more detailed picture is obtained from reciprocal space maps showing that the reflection from the BaTiO 3 substrate is split due to the presence of different ferroelectric domains in the tetragonal phase (a domains: BaTiO 3 (200/020) and c domains: BaTiO 3 (002)) [149] . From the intensity ratio of the Sr 2 CrReO 6 (101) and (404) reflections (not shown here) the amount of Cr/Re disorder is estimated to be less than 30%, i.e. less than 30% of the Cr 3+ ions are on Re 5+ sites and vice versa [148] .
From the observed 2θ angles, we calculate the a and c lattice parameters for both the substrate and the thin film. The results are displayed in Fig. 21(a,b) . All data were obtained with decreasing temperature. The c axis lattice parameter of our BaTiO 3 substrate (Fig. 21(a) ) nicely follows the behavior reported for bulk material (see Fig.18 ) [137] . It is slightly above c = 0.401 nm in the cubic phase, then increases to c = 0.4025 . . . 0.404 nm (tetragonal), drops to c = 0.402 nm (orthorhombic), and finally becomes c 0.4005 nm (rhombohedral). Also the a parameter behaves as expected in the tetragonal phase. For the Sr 2 CrReO 6 thin film (Fig. 21(b) ), the a axis parameter shows the same temperature dependence as for the substrate. This confirms coherent growth and biaxial strain transfer from BaTiO 3 into the epitaxial film. Also the c lattice parameter follows the trend of the substrate. In the tetragonal phase, however, it does not display any temperature dependence, in contrast to the behavior of BaTiO 3 . In summary, the structural analysis shows that the lattice parameters of the Sr 2 CrReO 6 thin film change abruptly at the BaTiO 3 phase transition temperatures.
Magnetic Characterization. The magnetic properties were determined by a SQUID magnetometer with a magnetic field of 1 T applied in the film plane (Fig. 21(c) ). At the BaTiO 3 phase transitions, we observe abrupt changes of the magnetization M , which drops at the tetragonal-orthorhombic transition and increases again when entering the rhombohedral phase. We note that we observe a small thermal hysteresis due to the first order structural phase transition of the substrate. A careful investigation [148] shows that the values for saturation magnetization, remanent magnetization, and coercivity clearly differ from each other for the different structural phases of the substrate. Therefore, we attribute the observed discontinuities to a change of the magnetic anisotropy of the thin Sr 2 CrReO 6 layer. They are induced by abrupt changes of the epitaxial coherency strain due to the structural phase transitions of the BaTiO 3 substrate. We note that the longitudinal resistance also shows abrupt changes at the BaTiO 3 phase transition temperatures as evidenced by electrical transport measurements in photolithographically patterned Hall bars [148] . These "jumps" are as large as 5.0% (rhombohedral/orthorhombic) and 4.2% (orthorhombic/tetragonal) and therefore by a factor of 5 larger than what is expected from a pure geometric effect due to a change in the spatial dimensions of the Hall bar [148] . Summary. We have grown heteroepitaxial hybrid structures of Sr 2 CrReO 6 /BaTiO 3 by laser-MBE. Due to coherent growth, the in-plane lattice constants of the Sr 2 CrReO 6 film follow those of the BaTiO 3 substrate as a function of temperature. In particular, the epitaxial coherency strain in the Sr 2 CrReO 6 film abruptly changes at the structural phase transitions of BaTiO 3 . The magnetization of the ferromagnetic Sr 2 CrReO 6 film together with its resistivity [149] shows large step-like variations at the corresponding phase transition temperatures. This demonstrates a strong coupling of the magnetic properties to elastic distortions, i.e. a large magnetoelastic coupling. Taken together, a strong coupling between the ferroelectric order parameter in BaTiO 3 and the ferromagnetic order parameter in Sr 2 CrReO 6 has been shown. That is, the Sr 2 CrReO 6 /BaTiO 3 heterostructure can be considered as a magnetoelectric multiferroic.
Our observations suggest that the system Sr 2 CrReO 6 / BaTiO 3 in particular, and other suitable ferromagnetic/ferroelectric heterostructures in general, are promising candidates for the manipulation of magnetic material properties by an electric field at room temperature. In such structures the electric field is applied to the ferroelectric material, thereby causing changes of the lattice constants by the inverse piezoelectric effect or by switching the ferroelectric domain structure (e.g. from c-domains to a-domains and vice versa in BaTiO 3 ). The elastic deformation is transferred into elastic strain in the ferromagnetic film, causing a controlled variation of the magnetic properties via magnetoelastic coupling. Altogether, the coupling between an electric field and the magnetic sample properties, i.e. a magnetoelectric coupling, is realized.
5 Conclusion. The combination of several physical properties such as superconductivity, ferro-and antiferromagnetism, ferroelectricity, or even multiferroicity in artificial heterostructures paves the way to a rich variety of interesting new physics and novel concepts in condensed matter physics. Regarding materials, oxide thin films and artificial heterostructures are at the forefront of this rapidly emerging field of materials science. On the one hand, they have outstanding physical properties and, on the other hand, there is enormous progress in oxide thin film technology. We have shown that the combination of ferromagnetic, semiconducting, metallic, and dielectric materials properties in thin films and artificial heterostructures is promising. Using laser molecular beam epitaxy, we have fabricated heterostructures for the realization of oxide-based ferromagnetic tunnel junctions, transition metal-doped semiconductors, intrinsic multiferroics, and artificial ferroelectric/ferromagnetic heterostructures. The latter have been used to study magnetoelastic coupling, forming the basis of the promising field of spin-mechanics.
Artificial oxide heterostructures are particularly promising for the realization of materials with improved and new functionalities and novel device concepts. Hereby, interface and surface effects play a crucial role. Due to the complexity of the involved oxide materials, the rich variety of physics resulting from band bending effects, magnetic exchange, or elastic coupling at interfaces in heterostructures is far from being understood and needs further detailed studies. Moreover, intermixing of the different atomic species deposited in multilayer structures plays an important role and might influence or even dominate the overall physical properties. Therefore, a careful structural and element-specific investigation of the artificial material system or device structure on an atomic scale is highly necessary.
